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The structural evolution of FeCr superlattices has been studied using a quasi-atomistic Object Kinetic
Monte Carlo model. Superlattices with different spatial periods have been simulated for anneal durations
from few hours to several months at 500 �C. Relatively-long period superlattices stabilize into Fe-rich and
Cr-rich layers with compositions close to those of bulk a and a0 phases. In contrast, superlattices with
very short periods (4, 5, 6 nm) are observed to undergo instability and, for long annealing times, evolve
into three-dimensionally decomposed regions, in qualitative agreement to recent experimental observa-
tions. The instability onset is delayed as the spatial period increases, and it occurs via interface roughness.
This evolution can be explained as a minimization of the free-energy associated to the a/a0 interfaces. A
comprehensive description of the evolution dynamics of FeCr-based structures is obtained with our
model.

� 2016 Elsevier B.V. All rights reserved.
1. Introduction

Iron-chromium (FeCr) alloys are materials of high technological
and fundamental interest [1]. From the technological point of view,
they have been selected as structural materials for advanced
nuclear applications [2]. From the fundamental side, they exhibit
a rich phenomenology with a miscibility-gap leading to phase
nucleation for moderated Cr content and spinodal decomposition
for the medium composition range, and these processes are accel-
erated by radiation [3–5]. The composition-dependence of the
alloy mixing energy has been subject of active discussions, and
some uncertainties are still remaining for the phase diagram [6].

Phase decomposition in nominally homogeneous alloys is trig-
gered by random composition fluctuations. Such phase decomposi-
tion can be also induced artificially in composition-modulated
superlattices (SLs), with Fe-rich and Cr-rich regions acting as seeds
for phase nucleation [7]. Thus, Fe-rich layers would precipitate into
a bulk-like Fe-rich phase (a-phase) whereas Cr-rich layers would
precipitate into a bulk-like Cr-rich phase (a0-phase), with meta-
stable a/a0 interface regions [8]. In this way, the layers are
expected to stabilize and the modulation amplitude of FeCr SLs
may increase under anneal. This behavior is opposite to usual SL
interdiffusion.

Recently, Atom Probe Tomography (APT) measurements
revealed that very thin-layer FeCr SLs, with spatial period of
6 ± 1 nm, undergo instability, instead of stabilization, at 500 �C.
In particular, composition profiles become irregular after few days
anneals, losing the original periodicity. For longer anneals, the sys-
tem is observed to evolve toward three-dimensional morphologies
[9]. These results have been interpreted in terms of a critical layer
thickness on the light of a one-dimensional Mean Field Model [9].
Nevertheless, it would be desirable to count on a comprehensive
model including the whole phenomenology: random nucleation
of homogeneous alloys, phase-stabilization of thick-layer SLs,
instability for thin-enough layers, and evolution toward three-
dimensional morphologies for advanced stages.

Atomistic-like Object Kinetic Monte Carlo models (OKMC) are
promising candidates to simulate the structural evolution of crys-
tal alloys, reaching the required time scales of typical experiments,
while preserving a direct connection to atom-scale processes
[10–12]. Recently, a defect-based OKMC model has demonstrated
to provide an accurate description over time of phase nucleation
and spinodal decomposition in FeCr alloys [8], while offering
improved computational efficiency respect to more detailed
models [13].
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In this work, the above mentioned OKMC model has been
extended to simulate the evolution of FeCr-based SLs, including
ultra-thin SLs. Our purpose is to provide a unified picture for the
structural evolution of iron-chromium alloy systems, including
regular phase-separation and short-period superlattice instability.
The paper is organized as follows. After this introduction, the
model and methods used in the simulations are sketched out. Sub-
sequently, the simulation results are presented and the corre-
sponding discussion is developed. Finally, some conclusions are
wrapped up.
Fig. 1. Simulated spatial composition distribution, measured as Cr molar fraction,
for a 14 nm-period FeCr superlattice with initial sinusoidal composition modulation
annealed at 500 �C. (a) Initial and aged composition profiles. (b) Initial composition
map. (c) and (d) Composition maps after annealing for 5 and 30 days, respectively.
2. Model and methods

We have used the OKMC model described by Dopico et al. [8]
and we have applied it to FeCr alloys with initial periodic one-
dimensional composition modulation (FeCr superlattices, SLs). In
that model, mobile point-defects are treated as atomistic particles
whereas lattice atoms (Fe or Cr) are described by integer counters
in each local region [10]. With this aim, the simulation domain is
divided into nanometer-sized cells. Material properties in each cell
are assumed to depend on its own Cr-molar fraction (composition)
and on the composition of neighbor cells having atomic bonds to
this, with weights derived from a simple crystallographic bond
model and accounted in terms of an effective composition [8].
Composition dependence of formation energy of point-defects,
migration energy of point-defects, tracer diffusivity ratio between
Cr and Fe atoms, and alloy mixing energy are included in the
model.

Point-defects moving from a cell to another may induce the
movement of Cr or Fe atoms, with probabilities depending on the
tracer diffusivity ratios and on the mixing energies of the cells.
Within our model, point-defect induced atom movements are
accounted by an efficient exchange algorithm. Near equilibrium
conditions, point-defect concentrations depend on their formation
energies. Moreover, in metals near equilibrium, vacancies are dom-
inant over self-interstitials [14]. The model has been implemented
into the MMonCa simulator [15,16].

In our simulations, the initial composition has been set to be
spatially modulated in one dimension. As the model is intrinsically
three-dimensional, this initial condition does not impose a con-
straint for the subsequent evolution. Sinusoidal Cr molar fraction
profiles with amplitude of 0.25 and average of 0.5 and an anneal
temperature of 500 �C have been selected to reproduce the physi-
cal conditions of the experimental measurements [9]. Different SL
periods (k) have been used with the aim of studying layer stability/
instability as a function of layer thickness. A simulation domain of
12 � 60 � 99 nm3, divided in cubic cells with side L ¼ 0:6 nm, has
been considered. This cell side is close to the lowest limit of the
approach (L P 2a � 0:57 nm, with a being the lattice parameter).
A free surface has been located at the domain front (0 nm depth),
mirror boundary conditions have been assumed at the bottom
(99 nm depth), and periodic boundary conditions have been set
in the lateral (12 nm � 60 nm) directions [8].

Equilibrium vacancy concentration (with negligible self-
interstitial contribution) is assumed in our simulations. This is
established by the balance of vacancy emission and capture at
the free surface, and by the probability of vacancy jumps between
cells [8,10]. Therefore, simulation times would match to experi-
mental conditions with low initial defect concentration. If extra
defects are in the sample, either incorporated during epitaxial
growth or generated by irradiation, experimental dynamics is
expected to be accelerated with regard to the predicted one. Addi-
tionally, the presence of oxygen impurities, evidenced in the exper-
iments of Ref. [9], has not been included in our simulations. The
parameter set of Ref. [8] has been used, with the vibrational
entropy parameter H tuned from 1400 K to 1300 K in order to
compensate the discrepancies of precipitate compositions in Ref.
[9] with respect to the original calibration.

Spatial composition maps and profiles, suitable to be compared
to APT experiments, can be extracted from the simulated composi-
tion configurations. With this aim, the alloy composition is aver-
aged within a volume analogous to the one probed by the
experimental beam. In the reference experiment, a beam spot with
a diameter of 0.5 nm and a probing profundity of 8 nm has been
used [9] and it can be equated to a column of 7 cubic cells for
our 0.6 nm spacing. Thus, simulated composition maps (or profiles)
are built by scanning the simulation domain within a cell plane
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(or row) and averaging along the corresponding probed volume in
the perpendicular direction (see Fig. 1).

The mean mixing free energy per atom of the simulated
domain, hGmixi, can be analyzed as a measure of its thermodynamic
stability. It can be calculated as hGmixi ¼

P
iGmixi=N, where N is the

number of cells in the simulation and Gmixi is the free mixing
energy per atom in cell i, which is given by [17]:

Gmixi ¼ EmixðxiÞ 1� T
H

� �
þ kBT½XilnXi þ ð1� XiÞlnð1� XiÞ� ð1Þ

where Emix is the mixing energy at 0 K, T is the absolute tempera-
ture, kB is the Boltzmann constant, and xi and Xi are the effective
and unweighted Cr fraction of cell i, respectively [8]. The composi-
tion of a and a0 phases are those minimizing the mean mixing free
energy at a given temperature in a bulk system (i. e., when no inter-
faces are considered).
b

Fig. 2. Simulated spatial composition distribution for a FeCr structure formed by
three regions with initial sinusoidal modulation of (from left to right) 5, 4, and 6 nm
periods annealed at 500 �C during (a) 4 days, (b) 15 days, and (c) 75 days. A
composition profile (subpanel 1) and a composition color map (subpanel 2) are
displayed in each case. (The composition profile was recorded along the dotted
white line marked on the map).
3. Simulation results

Fig. 1 displays the simulation results for a FeCr SL with initial
composition modulated in depth between 0.25 and 0.75 Cr molar
fraction with a period of k ¼ 14 nm. This period is much longer
than the 6 ± 1 nm period for which instability was experimentally
observed. An anneal at 500 �C up to 30 days has been simulated.
The composition profile is observed to evolve from a sinusoidal
shape toward a square-wave shape (Fig. 1a), with iron-rich regions
precipitating to a-phase and chromium-rich regions precipitating
to a0-phase. For 30 days anneal, the Cr molar fraction in the pla-
teaus of the profile is stabilized near the concentration values ana-
lytically predicted for bulk phases. Fig. 1b–d display the evolution
of the two-dimensional composition map. Besides the formation of
uniform a and a0 domains, the interfaces between a and a0

domains are observed to narrow and flatten.
In order to analyze the SL behavior for lower periods, a sample

with three different regions, initially with periods of k = 5, 4, and
6 nm, and an anneal temperature of 500 �C has been considered
in the simulations of Fig. 2. After 4 days anneal (Fig. 2a) the region
of shortest period (k = 4 nm) exhibits features of instability, with a
trend dramatically different to the one observed in Fig. 1 for
k = 14 nm. Rather, this resembles the instability behavior observed
in the experiments for k = 6 ± 1 nm with irregular modifications of
the concentration profile [9]. However, in contrast to the refer-
enced experiment, no clear amplitude conservation occurs in most
periods of the k = 4 nm simulated region. For longer anneals the
one-dimensional modulation with 4 nm period is erased and a
three-dimensional pattern is spontaneously formed in its place,
as it can be seen for 15 days in Fig. 2b.2. For even longer anneals
(Fig. 2c), this gives rise to a vein-like three-dimensional morphol-
ogy, similar to the one resulting from the spinodal decomposition
of homogeneous alloys [8].

A delay of the instability onset, respect to the one for k = 4 nm,
is found in the simulations for the region with spatial period of
k = 5 nm. In this region, the wavy character of the initial modula-
tion is preserved for 4 and for 15 days anneals, as it can be seen
in Fig. 2a.1 and b.1. For these aging times, the concentration max-
ima hardly increase whereas the initial minima decrease, very
much in agreement to the profile shape in the initial stages of
the experiment for k = 6 nm [9]. For 15 days, a development of
interface roughness is observed in Fig. 2b.2, causing modulation
irregularities in local areas. For longer times, the interface rough-
ness increases, coming to bridge contiguous Cr-rich (or Fe-rich)
planar precipitate layers. Once a number of local bridges are
formed, the precipitates evolve toward three-dimensional mor-
phologies (see Fig. 2c, for 75 days anneal), analogous to those of
the k = 4 nm region and in qualitative agreement to the
experiment.

Concerning the k = 6 nm region, it behaves in the middle way
between the k = 5 nm region and the k = 14 nm SL. In this case,
the modulation amplitude slightly increases for 4 and 15 days
aging times and the concentration maxima and minima reach val-
ues close to those of a and a0 phases, although no clear plateaus are
observed in the profiles (Fig. 2a and b). For longer anneal time,
even this region exhibits roughness (Fig. 2c.2), preluding instability
for long enough anneals. The discrepancies between the simula-
tions in this region and the experiment for k = 6 nm will be dis-
cussed in next section.
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Fig. 2 (continued)

Fig. 3. Mean mixing free energy of the system, in meV per atom, as a function of
anneal time at 500 �C for FeCr SLs with periods of 4, 5, 6, and 14 nm, simulated by
OKMC.
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The different behavior of short- and ‘‘long”-period SLs can be
explained in terms of mixing free energy minimization, as a driving
force for system evolution. For relatively-long period SLs (as the
k = 4 nm SL of Fig. 1), the formation of planar bulk-like phases
(where Gmix is minimized), together with the decrease of the vol-
ume of a/a0 interface regions (where Gmix is high), constitute an
efficient path to reduce hGmixi. The time evolution of hGmixi at
500 �C for the simulations of Fig. 1 with k = 4 nm is depicted in
Fig. 3.

Specific simulations with unique period of 4 nm, 5 nm, and
6 nm have been run to evaluate hGmixi for these k values. For
k ¼ 6 nm, the simulated evolution looks qualitatively analogous
to the one of k ¼ 14 nm (see Fig. 3), with hGmixi quickly decreasing
and stabilizing, corresponding to the formation of a planar struc-
ture similar to the one observed at the 6 nm region in Fig. 2. The
higher stabilized hGmixi value of the 6 nm curve, compared to the
14 nm curve, is explained by its higher number of a/a0 interfaces,
whereas its faster initial slope can be related to the higher compo-
sition gradients in this shorter period SL, causing higher atom
fluxes.

For k ¼ 5 nm, hGmixi experiences also a decrease and stabiliza-
tion for early stages, with an even higher steady value. Neverthe-
less, its initial evolution is slower than in the 6 nm case,
consistently with the partial inhibition of precipitation observed
in Fig. 2 for 5 nm modulation. Additionally, an inflexion point
occurs at �24 days, and a decrease starts to show up. This time
coincides with the full development of bridges connecting planar
precipitates and the beginning of the evolution toward three-
dimensional shapes.

A quite different trend is followed by the curve of the 4 nm-
period SL, which hardly decreases at the initial stages, exhibits a
plateau up to �7 days, and quickly decreases after �10 days, even-
tually stabilizing for long term anneals. The weak initial decrease
corresponds to an almost completed inhibition of one-
dimensional phase formation due to the high relative volume of
interface regions. The subsequent plateau is actually associated
to the structural evolution from the one-dimensional modulated
structure to the onset of three-dimensional precipitation, keeping
almost constant hGmixi. Once the three-dimensional precipitates
are seeded, the remarkable drop of hGmixi observed after 10 days
is related to the growth of these precipitates. This can be correlated
to the decrease observed after �24 days in the 5 nm-SL curve,
although in that case the growth of three-dimensional precipitates
can be seen as a reshape of the already formed one-dimensional
precipitates.

The metastability of the 5 nm period region is revealed in Fig. 3
where the curve for k ¼ 5 nm is overtaken by the 4 nm curve,
bringing to light that a better minimization of hGmixi would be pos-
sible and, thus, announcing a possible instability for longer anneal
times. Also the 6 nm curve behaves in this way, but out of the scale
of Fig. 3 (see Fig. 2c.2, for 75 days, where some local instabilities
are observed). We must note that, actually, even the 14 nm-
period SL after 30 days (see Figs. 1d and Fig. 3) is a metastable sys-
tem. In fact, the absolute minimum energy structure would be
formed by two bulk-like domains with only one a/a0 interface with
minimum area. Hence, all the other configurations are metastable,
although no evolution toward that structure will be observed for
realistic aging times.
4. Discussion

The above presented OKMC simulations qualitatively repro-
duce, although with quantitative discrepancies, some of the recent
experimental observations, together with the previously estab-
lished phenomenology for the FeCr alloy system. In particular,
the model correctly predicts, starting from an atom-scale basis,
the modulation instability for ultra-short SLs and the stabilization
to a and a0 phase layers for longer period SLs. The simulated asym-
metric profiles with near kinetic stasis for k = 5 nm simulations are
also in accordance with the APT profiles. Besides, the evolution of
the 4 and 5 nm regions towards three-dimensional patterns for
long anneal times is also reproduced and it easily links to the
behavior of spinodally decomposed homogeneous alloys.

Additionally to the agreement, the model provides some insight
on the structural evolution of FeCr SLs. For example, our simula-
tions suggest that layer instability is gradually delayed with layer
thickness, rather than suggesting the existence of an abrupt critical
thickness independent on the anneal duration. Simulations also
reveal the role of roughness in the onset of instability. Further-
more, our analysis points out that the different morphological evo-
lution patterns can be seen as alternative ways for a/a0 interface
region reduction and, in turn, free-energy minimization.

However, clear quantitative discrepancies between our simula-
tions and the published experiment [9] are observed, although only
few experimental profiles have been reported up to date and no
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statistical information about them is available. On one hand, the
experimental onset for instability was reported to occur after an
aging time of t = 1 day for a modulation period of k = 6 ± 1 nm.
On the other hand, first local instabilities can be detected in simu-
lated profiles (not shown here) at t = 2 days for k = 4 nm, t = 5 days
for k = 5 nm, and t = 60 days for k = 6 nm. Generalized instabilities
are not obtained in the simulations until t = 4 days for k = 4 nm
and more than 15 days for k = 5 nm. Moreover, three-dimensional
pattern formation was detected in the experiment between 4 and
7 days whereas it occurs in the simulation in about one week for
k = 4 nm, in about one month for k = 5 nm, and it is expected to
appear within the time-scale of several months for k ¼ 6 nm. Addi-
tionally, the nearly kinetic stasis experimentally reported for
k = 6 ± 1 nm may correspond to the simulated behavior for
k = 5 nm, whereas decreasing and increasing trends are insinuated
in the simulated modulation amplitude for k = 4 nm and k = 6 nm,
respectively.

The quantitative discrepancies between simulated and experi-
mental data can be seen as a shift in t and/or in k, and they could
be tentatively attributed to different causes. Firstly, one possible
reason could be the simplicity of the inter-cell interaction within
our OKMC model [8]. Within this framework, the energy excess
at a/a0 interfaces (and, consequently, the instability of the struc-
ture) is assessed by means of inter-cell interaction. Therefore, the
simplifications assumed in the model for inter-cell interaction
could be the origin of a shift in the SL period k at which the onset
instability would be produced for a given aging time. Another pos-
sible origin could be the presence of non-equilibrium defect con-
centration in the experimental samples, related to defective
epitaxial growth. This would result in an accelerated kinetics of
the experiments respect to the simulations and, thus, in a shift
on the time scale of SL evolution for a given k. Experimental period
fluctuations, quantified as ±1 nm, can also play a role. Other possi-
ble sources of discrepancies, such as the effect of the oxygen con-
centration in sample (�3%) cannot be excluded but are difficult to
quantify.

The simulation method reported here can be extended to the
study of FeCr SLs under irradiation, both at ambient temperature
and at annealing temperatures. To do that, defect cascades gener-
ated by single electrons or single ions would be computed offline
and loaded by the OKMC simulator, with intervals between cas-
cades according to the dose rate. In particular, electron and irradi-
ations at anneal temperatures, producing diluted distributions of
self-interstitials and vacancies with reduced defect clustering, are
expected to result in SL evolutions analogous to those obtained
for equilibrium vacancy concentration but accelerated in time.
5. Conclusions

A quasi-atomistic OKMC model, originally developed for the
simulation of initially homogeneous FeCr alloys has been success-
fully applied to simulate the structural evolution of FeCr SLs at
500 �C. A variety of evolution regimes has been identified depend-
ing on the period of the SLs and on the duration of the anneal. In
particular, precipitation toward bulk-like a and a0 phases has been
observed for ‘‘long”-period SLs whereas instability and kinetic sta-
sis have been obtained for ultra-short-period SLs, in agreement to
the recent experimental observations. The aging time at which the
instability onset is produced depends gradually on the SL period.
Long-term evolution of instable ultra-short-period FeCr SLs is quite
similar to the evolution of spinodally decomposed FeCr alloys. The
different evolution behaviors are explained as paths for free-
energy minimization. Finally, the possible sources of the quantita-
tive discrepancies between the simulations and the experiment
reported in the literature have been discussed.
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